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ABSTRACT 

 

Advancements in nanoscale engineering of oxide interfaces and heterostructures 

have led to discoveries of emergent phenomena and new artificial materials. Reactive 

molecular-beam epitaxy (MBE) and pulsed-laser deposition (PLD) are the two most 

successful growth techniques for epitaxial heterostructures of complex oxides. PLD 

possesses experimental simplicity, low cost, and versatility in the materials to be 

deposited. Reactive MBE employing alternately-shuttered elemental sources (atomic 

layer-by-layer MBE, or ALL-MBE) can control the cation stoichiometry precisely, thus 

producing oxide thin films of exceptional quality. There are, however, major drawbacks 

to the two techniques. Reactive MBE is limited to source elements whose vapor pressure 

is sufficiently high; this eliminates a large fraction of 4- and 5-d metals. In addition, the 

need for ozone to maintain low-pressure MBE conditions increases system complexity in 

comparison to conventional PLD. On the other hand, conventional PLD using a 

compound target often results in cation off-stoichiometry in the films. This thesis presents 

an approach that combines the strengths of reactive MBE and PLD: atomic layer-by-layer 

laser MBE (ALL-Laser MBE) using separate oxide targets. Ablating alternately the 

targets of constituent oxides, for example SrO and TiO2, a SrTiO3 film can be grown one 

atomic layer at a time. Stoichiometry for both the cations and oxygen in the oxide films 

can be controlled. Using Sr1+xTi1-xO3, CaMnO3, BaTiO3 and Ruddlesden–Popper phase 

Lan+1NinO3n+1 (n = 4) as examples, the technique is demonstrated to be effective in 

producing oxide films with stoichiometric and crystalline perfection. By growing 

LaAl1+yO3 films of different stoichiometry on TiO2-terminated SrTiO3 substrate at high 
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oxygen pressure, it is shown that the behavior of the two-dimensional electron gas at the 

LaAlO3/SrTiO3 interface can be quantitatively explained by the polar catastrophe 

mechanism.  
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CHAPTER 1 

INTRODUCTION TO LASER MOLECULAR BEAM EPITAXY 

 

1.1 Oxide Thin Film Deposition Techniques 

Oxide thin films have a wide range of applications in energy and information 

technologies, due to their exceptional properties including superconductivity, 

ferroelectricity, piezoelectricity, ferromagnetism, colossal magnetoresistance, and spin 

polarization [1]. For the purpose of optimizing the crystallinity and achieving atomic-

layer-precision control in ultra-thin films, sharp interfaces and complicated superlattices, 

various thin film deposition techniques have been advanced rapidly in the recent 30 

years. Here is a brief introduction and comparison of some principle oxide thin film 

deposition techniques.  

Pulsed laser deposition (PLD) is perhaps the most versatile technique for preparing 

a wide range of thin films [2]. After the first high-power ruby laser became available, the 

study of the interactions of intense laser beams with solid material surfaces suggested the 

possibility of thin film deposition by laser ablation. A breakthrough came in 1987, when 

high Tc superconductor Y-Ba-Cu-O thin film was deposited by laser evaporation of a 

bulk material in vacuum [3]. The composition of the film was determined by Rutherford 

backscattering (RBS) to be within 10% of that of the ablated target. And the 

superconducting transition temperature comparable to that of the bulk was maintained.  

In PLD, an external laser source is used to generate high energy laser pulses to 

vaporize target materials to deposit thin films [4]. The versatility of PLD includes a wide 
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range of target selections, from single element to multicomponent, including the forms of 

single crystals, ceramics and metals. A growth pressure ranging from UHV to the order 

of several hundred mTorr plus the convenient post annealing up to atmosphere also 

enhances the versatility of PLD in terms of the oxidization level of the film. The kinetic 

energy of the deposited species can be as high as 1000 eV, or can be effectively reduced 

to lower than 1 eV using higher gas pressures [5]. Practically, the high deposition rate 

and low cost of PLD also attract broad interest from thin film scientists. However, the 

nonstoichiometric transfer of materials from targets to films has risen to the attention of 

the researchers during the recent years as finer characterization techniques have been 

developed [6-9].  

In reactive molecular beam epitaxy (MBE), beams of metal atoms are created using 

either radiatively heated sources or electron beam evaporators. The high purity of the 

metal source and the usual ultra-high vacuum (UHV) deposition environment enhance 

the purity and crystallinity of the grown films [10]. A shutter controller allows sequential 

deposition of different materials and precise control of the thickness of each atomic layer 

[11, 12]. Reflection high-energy electron diffraction is usually used to monitor the 

surface coverage and chemistry information in situ. These capabilities make reactive 

MBE a precise technique for customization of thin films at atomic layer level [1].  

The kinetic energy per deposited atoms in reactive MBE is thermal and hence 

relatively low (~0.1 eV) compared to that of PLD [5]. Due to the fact that the source 

elements used in reactive MBE need high vapor pressure at reasonable temperatures, a 

large fraction of 4- and 5-d metals is eliminated. In addition, the need for ozone to 
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maintain low-pressure MBE conditions increases system complexity in comparison to 

PLD. 

In chemical vapor deposition (CVD), one or more volatile precursors are 

introduced into a vacuum chamber and decompose thermally or react on a heated 

substrate to produce the desired film [13]. The technique has the advantage of reasonable 

cost, tunable deposition rate, flexibility of using a wide range of chemical precursors, and 

relatively low deposition temperature. Thus, it is a process widely used in semiconductor 

industry to produce thin films in various forms, including epitaxial, polycrystalline and 

amorphous. With some modifications on the deposition system, thin films can be 

deposited on surfaces with irregular shapes. One example is the deposition of MgB2 

superconducting films deposited on superconducting radio frequency (SRF) cavity [14]. 

However, certain precautions have to be taken regarding the handling of the toxic, 

corrosive, flammable, or explosive precursor gases [15].  

Sputtering is another rapid deposition method which is widely used in 

semiconductor industry to produce electronic materials, optics and protective coatings 

[4]. It is a process involving eroding a target material by bombardment and eject the 

particles onto a substrate. Usually an argon plasma is used as the working gas, because 

it’s inactive with the target material [16]. Sputtering is a process where materials with 

high melting temperature can be sputtered where evaporation is problematic. The cation 

stoichiometry of the film may slightly differ from that of the target, due to the different 

mass of the elements and the lighter elements are deflected more by the process gas. 

Substrates may be subject to plasma bombardment [16]. Also, inert gas may bring 

impurities into the films [17]. 
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Atomic layer deposition (ALD) is a self-limiting surface reaction with atomic level 

control, and consequently precise thickness control. As a result, the ALD films are 

usually extremely smooth, continuous and pinhole-free. The disadvantages of ALD are 

majorly the slow growth rate and limitation of available surface chemical reactions, 

which limits the choice of the deposited materials [18]. 

 

 

1.2 Laser Molecular Beam Epitaxy 

Progress in designing the functionality of oxide materials and interfaces depends 

crucially on technological advances in atomic-layer control during growth [19, 20]. 

Examples of recent discoveries of emergent phenomena and artificial materials brought 

about by state-of-the-art growth techniques include the two-dimensional (2D) electron 

gas at the LaAlO3/SrTiO3 interface [21] and asymmetric three-component ferroelectric 

superlattices [22, 23]. Reactive molecular-beam epitaxy (MBE) and pulsed-laser 

deposition (PLD) are the two most successful growth techniques for epitaxial 

heterostructures of complex oxides. PLD possesses experimental simplicity, low cost, and 

versatility in the materials to be deposited [2]. Reactive MBE employing alternately-

shuttered monolayer doses from elemental sources and real-time feedback from 

Reflection High-Energy Electron Diffraction (RHEED) oscillations (atomic layer-by-

layer MBE, or ALL-MBE) can control the cation stoichiometry precisely, thus producing 

oxide thin films of exceptional quality [11, 24, 25]. There are, however, major drawbacks 

to the two techniques. Reactive MBE is limited to source elements whose vapor pressure 

is sufficiently high; this eliminates a large fraction of 4- and 5-d metals. In addition, the 
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need for ozone to maintain low-pressure MBE conditions increases system complexity in 

comparison to conventional PLD. On the other hand, conventional PLD using a 

compound target often results in cation off-stoichiometry in the films [7, 26]. In this 

paper we present an approach that combines the strengths of reactive MBE and PLD: 

atomic layer-by-layer (ALL) laser MBE using separate oxide targets. Ablating alternately 

the targets of constituent oxides, for example SrO and TiO2, a SrTiO3 film can be grown 

one atomic layer at a time. Stoichiometry for both the cations and oxygen in the oxide 

films can be controlled. Although a similar approach has been explored since the early 

days of laser MBE [27, 28], using homoepitaxial growth of SrTiO3 films as the example, 

we show that levels of stoichiometry control and crystalline perfection rivaling those of 

reactive MBE can be achieved.  
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Figure 1.1 Photograph of the laser MBE system in Temple University. 

 

 

Figure 1.1 shows the laser MBE system in Temple University. The main system is a 

Pascal laser MBE system, including an ultrahigh vacuum (UHV) deposition chamber, a 

load-lock chamber, an infra-red heating laser (wavelength 807.6 nm), a rotatable target 

stage with 6 target positions. The RHEED gun on the chamber is from STAIB Instrument, 

where a double differential pumping stage is installed for operation pressures up to ~ 100 

mTorr in the deposition chamber while maintaining the low pressure around the gun itself.  
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Figure 1.2  Schematic of the ALL-Laser MBE setup. (A) SrO and TiO2 targets are 

alternately ablated by a UV laser beam while the RHEED pattern is being recorded and 

analyzed in real-time. (B) The SrTiO3 film is constructed in an atomic layer-by-layer 

manner. RHEED diffracted spot intensity oscillations were monitored during the atomic 

layer-by-layer growth of SrTiO3 films. The red and blue shaded areas represent the 

depositions of SrO and TiO2 layers, respectively. 

 

 

The principle of ALL-Laser MBE is schematically illustrated in Figure 1.2A. The 

key difference between ALL-Laser MBE and the conventional PLD or laser MBE is the 

use of separate oxide targets – instead of using a compound target of SrTiO3, the targets 

of SrO and TiO2 are switched back and forth to be alternately ablated by a UV laser beam. 

In conventional PLD or laser MBE using a compound target, all elements are ablated at 
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once and the film grows unit cell by unit cell. In ALL-Laser MBE using separate targets, 

on the other hand, the film is constructed one atomic layer at a time. Figure 1.2B shows 

the structure of a SrTiO3 film constructed in an atomic layer by atomic layer manner, 

along with a RHEED intensity oscillation during the growth. An introduction of RHEED 

can be found in section 1.3. A detailed discussion of the growth procedure and 

characterization of the SrTiO3 films grown by ALL-Laser MBE can be found in Chapter 

3.  

The ALL-Laser MBE technique has limitations. First, oxide targets used as source 

materials are more susceptible to impurities than elemental sources used in reactive MBE. 

This could be alleviated by using higher-purity starting materials or single crystal. 

Second, the kinetic energy of the depositing species can be much higher in ALL-Laser 

MBE (several eV at the a growth pressure around 40 mTorr) than in reactive MBE (<1 

eV) [5, 29], which can be effectively thermalized using higher gas pressures [5] requiring 

high-pressure RHEED equipment. Overcoming these technological limitations will allow 

ALL-Laser MBE to play more important roles in discovering new science and 

constructing new artificial materials in nanoscale oxide interfaces and heterostructures.    
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1.3 Reflection High-Energy Electron Diffraction 

Figure 1.3 A schematic of RHEED setup. 

 

 

RHEED is a technique for surface structural analysis. The setup requires an electron 

gun, a phosphor screen and a sample with clean surface. The electron gun generates an 

electron beam which strikes the surface of the sample. Reflected and diffracted spots 

form regular patterns on the phosphor screen [30]. A schematic of RHEED setup is 

shown in Figure 1.3. The first RHEED performance was done in 1928 by Nishikawa and 

Kikuchi [31, 32]. Not until 1981 were the RHEED intensity oscillations observed and 

reported during a film growth [33]. The grazing incidence angle and the small penetration 

depth allow analysis of few atomic layers at the surface of the films, which makes 

RHEED a prefect in situ structural characterization method in thin film industry.  
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Figure 1.4 A schematic of RHEED intensity oscillation during the growth of a thin 

film in a unit cell-by-unit cell manner 
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In an early stage of RHEED applications, RHEED specular beam intensity was 

found to oscillate in a period same as the time required to deposit a unit cell of film. In 

the simplest picture as illustrated in Figure 1.4, RHEED intensity starts at a maximum 

when the electron beam shines on an atomically flat substrate, and gradually decreases as 

the grown film roughens the surface. A minimum intensity can be observed when the 

film covers 50% of the surface. The intensity then recovers to the maximum when a 

complete unit cell of a film is deposited. While RHEED intensity oscillations are 

routinely used to monitor and control film growth in MBE and laser MBE, complicated 

mechanisms including step edge density, film surface roughness, surface reconstruction, 

and surface chemistry all contribute to the intensity oscillations. Depending on the 

electron energy, incidence angle, substrate miscut angle, and the thin film material 

composition, each of the mechanisms can contribute a different potion to the RHEED 

intensity oscillation.  

Most commonly, in the unit cell-by-unit cell growth of oxide films, the intensity of 

the specularly-reflected RHEED spot is used, which oscillates depending on the step edge 

density of the growing film [34]. In an atomic layer-by-atomic layer growth, due to the 

different atomic form factor of each deposited material, the surface chemistry may play a 

significant role on the RHEED intensity oscillation behavior. Haeni et al. have found that 

the intensity of the diffracted spot can be used to control the growth of each atomic layer 

in reactive MBE with alternately shuttered growth [11]. In Chapter 3, the diffracted spot 

intensity oscillation is also used, and the results confirm that the phenomenology 

identified by Haeni et al. applies to ALL-Laser MBE.  
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1.4 Thesis organization 

Chapter 2 presents the study on homoepitaxial SrTiO3 films constructed by conventional 

pulsed laser deposition. This chapter focuses on the stoichiometry tuning by growth 

pressure and laser energy density. Chapter 3 introduces the ALL-Laser MEB method, 

using homoepitaxial Sr1+xTi1-xO3 as an example. This chapter explains the advantages of 

ALL-Laser MBE over conventional PLD. Chapter 4 focuses on the study of 

LaAlO3/SrTiO3 interface.  Stoichiometry dependence on carrier density was studied for a 

series of LaAlO3 films grown by ALL-Laser MBE at high pressure. Chapter 5 focuses on 

the dependence of LaAlO3/SrTiO3 interface carrier density on the LaAlO3 layer 

thickness. The LaAlO3 films were grown grown by conventional PLD. Chapter 6 

introduces further applications of the ALL-Laser MBE methods, including constructing 

CaMnO3 and BaTiO3 films by ablating CaO, MnO2, BaO and TiO2 targets separately, and 

build the Ruddlesden–Popper (RP) phase Lan+1NinO3n+1 with n = 4. A separate work on 

the structural and transport properties of epitaxial Ba(Fe1−xCox)2As2 thin films on various 

substrates is included as appendix A.  
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CHAPTER 2 

HOMOEPITAXIAL STRONTIUM TITANATE FILMS CONSTRUCTED 

BY PULSED LASER DEPOSTION 

 

Q. Y. Lei, G. Z. Liu, X. X. Xi, Integr. Ferroelectr. 141, 128 (2013) 

2.1 Introduction 

The A/B cation ratio in SrTiO3 thin films has significant influence on their 

properties [1-4]. It has been reported that the cation stoichiometry of SrTiO3 thin films 

deposited by pulsed laser deposition (PLD) depends sensitively on the deposition 

conditions [1, 3, 5, 6]. Using a short-pulsed laser (pulse duration < 10 ns), Ohnishi et al. 

showed that the fabrication of stoichiometric SrTiO3 film was possible only with a laser 

energy density of 0.3 J /cm
2
 and a laser spot size of 0.06 cm

2
 [1]. Recently, it was 

demonstrated that nearly stoichiometric SrTiO3 films can be achieved within a broad 

window of growth conditions. When the laser energy density was below around 1.0 

J/cm
2
, stoichiometry was obtained for oxygen pressures from 10

-5
 to 10

-1 
Torr, and when 

the oxygen pressure was about 10
-1

 Torr, near stoichiometry was achieved independent of 

the laser energy densities from 0.9 to 2.3 J/cm
2
 [7]. Similar behavior has been observed in 

the growth of homoepitaxial LaAlO3, where the stoichiometry of the film can be tuned by 

laser energy density and oxygen pressure [8].  

In this chapter, we present structural characterization data that further illustrates the 

epitaxial quality of the SrTiO3 thin films and the dependence of the cation stoichiometry 

on the deposition conditions.  

 

 



14 

 

2.2 Experiment  

A series of 25 SrTiO3 thin films with thickness around 150 nm were grown on 

(001) SrTiO3 substrates for this study. Using a KrF excimer laser (Coherent Compex Pro 

205, λ = 248 nm, and pulse duration 25 ns), the deposition was carried out at various laser 

energy densities (0.9 J/cm
2
 to 2.3 J/cm

2
) and oxygen pressures (10

-5
 Torr to 0.3 Torr), 

with a substrate-target distance of 55 mm. The laser energy was measured inside the 

vacuum chamber prior to each deposition. The laser spot size was 4 mm
2
 and the 

repetition rate was 1-6 Hz. The substrate temperature during the film growth was 720°C 

and the films were cooled down in 400 Torr oxygen. The deposition rate was varied from 

0.01 nm/pulse to 0.1 nm/pulse, depending on the laser energy density and oxygen 

pressure.  

 The structural properties of the SrTiO3 thin films were characterized by x-ray 

diffraction (XRD) using a Bruker AXS D8 Discover diffractometer. The out-of-plane 

lattice constant of films was calculated from the θ-2θ scan results, using the Leptos 

software with the substrate peak as the reference. The in-plane texture and epitaxial 

quality were determined by azimuthal ϕ scans of the off-axis (103) peak. 
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2.3 Results and discussions  

 

 

Figure 2.1 X-ray diffraction θ-2θ scan of a SrTiO3 film grown on SrTiO3 substrate with 

laser energy density 2.3 J/cm
2
 and oxygen pressure 10

-4
 Torr. 

 

 

Figure 2.1 shows the θ-2θ scan around (001), (002), and (003) diffraction peaks of 

the SrTiO3 substrate for a typical nonstoichiometric SrTiO3 film grown at a laser energy 

density of 2.3 J/cm
2
 and oxygen pressure of 10

-4
 Torr. The higher intensity peaks are 

from the SrTiO3 substrate while the lower intensity peaks are from the SrTiO3 film. No 

other diffraction peaks was observed in the full-range θ-2θ scan, indicating a film 

orientation with the c-axis normal to the substrate surface. The film peaks appear at 
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smaller angles than those from the substrate, indicating a larger c-axis lattice parameter in 

the film than that of the substrate.  

 

 

 

Figure 2.2 X-ray diffraction ϕ scans of SrTiO3 substrate and film. (a) The (103) peak of 

the substrate, and (b) the (103) peak of the film, for a SrTiO3 film grown on SrTiO3 

substrate with laser energy density 1.8 J/cm
2
 and oxygen pressure 10

-4
 Torr. 
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Figure 2.2 shows azimuthal ϕ scans of the (103) diffraction peak for another typical 

nonstoichiometric film grown at a laser energy density of 1.8 J/cm
2
 and oxygen pressure 

of 10
-4

 Torr. The (103) peaks of the film and the substrate are separate from each other 

because of the difference in their c-axis lattice parameters and their in-plane lattice 

constants were found to be the same. The ϕ scan for the film is shown in Figure 2.2a and 

for the substrate in Figure 2.2b. Both the film and substrate show a four-fold symmetry 

and film [100] // substrate [100], suggesting that a “cube-on-cube” epitaxial relationship 

was obtained in the film. The average full-width at half-maximum (FWHM) values of the 

ϕ scan peaks are 0.10° for the SrTiO3 substrate and 0.40° for the SrTiO3 film.  

The same in-plane lattice constant as and a larger c-axis lattice constant than the 

SrTiO3 substrate indicate a volume expansion of the homoepitaxial SrTiO3 film from that 

of the bulk. This has been shown to be the consequence of cation off-stoichiometry in the 

film [1, 6, 9]. Further, it has been shown that the off-stoichiometry in both directions, Sr 

rich or Sr poor, causes the lattice expansion and the magnitude of the expansion is 

proportional to the degree of off-stoichiometry [6]. Thus, one can use the c lattice 

expansion, ∆c, as an indicator of the film stoichiometry: stoichiometric SrTiO3 films 

show ∆c = 0, and a larger deviation from stoichiometry leads to a larger value of ∆c. 

However, from the lattice expansion alone one cannot determine whether the film is Sr 

rich or Sr poor. Additional composition analysis is needed to obtain such information. 
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Figure 2.3 X-ray diffraction θ-2θ scans of SrTiO3 films grown with four different energy 

density in (a) 10
-4

 Torr and (b) 10
-1

 Torr oxygen pressures. 

 

 

The θ-2θ scans around the (002) diffraction peaks for two series of samples grown 

with different laser energy density are shown in Figure 2.3. The films in Figure 2.3a were 

grown under an oxygen pressure of 10
-4

 Torr and the films in Figure 2.3b under 0.1 Torr 

oxygen. The strong peaks from SrTiO3 substrates are marked by a dashed line and the 

film peaks are marked by arrows. From Figure 2.3a for films grown in 10
-4

 Torr oxygen 

we see that the deviation of the film peak from the substrate peak decreases as the laser 

energy density decreases from 2.3 J/cm
2
 to 0.9 J/cm

2
. At this low pressure, the mean free 
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path of the ablated species is about 10
4 

mm [10] and the collisions between the ablated 

species with the oxygen molecules are negligible. A high laser energy density leads to a 

higher kinetic energy of the ablated species, which preferentially resputter the growing 

film and contribute to the nonstoichiometry in the film [11]. When the oxygen pressure 

increases to 0.1 Torr and the mean free path of the ablated species reduced to less than 1 

mm [10], the collisions with the oxygen molecules reduce the kinetic energy of the 

ablated species, which alleviates the film resputtering. As shown in Figure 2.3b, all the 

films grown under the oxygen pressure of 0.1 Torr have diffraction peaks close to that of 

the substrate peaks, indicating near stoichiometry. For one film grown with an energy 

density of 1.8 J/cm
2
, the film peak and the substrate peak overlap, indicating 

stoichiometry in the film.  
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Figure 2.4 Contour map of c-axis expansion Δc and Sr off-stoichiometry |x| in Sr1+xTiO3 

films for different laser energy densities and oxygen pressures. 

 

The results for the 25 samples are summarized in Figure 2.4 in a contour map of the 

lattice expansion ∆c as functions of laser energy density and oxygen pressure. The data 

points are marked by stars. Further, to quantify the stoichiometry in the homoepitaxial 

Sr1+xTiO3 films, we use the data in Ref. 6 for MBE-grown Sr1+xTiO3 films to establish a 

relationship between the c-axis expansion and the Sr off-stoichiometry x and convert the 

∆c values to the Sr off-stoichiometry. We choose the MBE-grown films because the 

dependence from them is symmetrical with respect to x and it leads to an upper limit of 

the Sr off-stoichiometry for a given ∆c. The relationship between the absolute value of Sr 
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off-stoichiometry and c-axis expansion we obtained is |x| = 6∆c ± 0.05, where ∆c is in Å. 

The |x| values thus obtained are also shown in Figure 2.4. From the figure, we find that all 

the films deposited at 10
-1

 Torr have |x| < |0.04±0.05|, and all the films deposited with a 

laser energy density of 0.9 J/cm
2
 have |x| < |0.05±0.05|. In other words, they are nearly 

stoichiometric. From this map we find two sets of stable conditions for nearly 

stoichiometric SrTiO3 films. One is for the laser energy densities below 1.1 J/cm
2
, where 

small composition deviation is obtained for all the oxygen pressures studied. Another 

stable condition for nearly stoichiometric films is for the oxygen pressure around 10
-1

 

Torr, where the film composition is insensitive to the laser energy density. Laser energy 

densities and oxygen pressures outside of this growth window lead to nonstoichiometric 

films.  

 

 

2.4 Conclusion  

We present the result of structural characterizations of a series of 25 homoepitaxial 

SrTiO3 films grown by PLD under different conditions. From the XRD θ-2θ scans and ϕ 

scans, we find that many homoepitaxial SrTiO3 films show lattice expansions from that 

of the bulk SrTiO3, which is an indication of off-stoichiometry in the films. A lattice 

expansion and composition map is created from these data, which shows that nearly 

stoichiometric films can be grown by PLD in a broad laser energy density-oxygen 

pressure window of growth conditions. The map is constructed based on our chamber 

geometry, but should be extendable to most PLD geometries with similar variations and 

serve as a guide to achieve nearly stoichiometric SrTiO3 films by PLD.  
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CHAPTER 3 

CONSTRUCTING HOMOEPITAXIAL STRONTIUM TITANATE THIN FILMS BY 

ATOMIC LAYER-BY-LAYER LASER MOLECULAR BEAM EPITAXY 

 

3.1 Introduction 

Advancements in the nanoscale engineering of oxide interfaces and 

heterostructures have led to a burst of discoveries of emergent phenomena and new 

artificial materials in recent years. Combining the strengths of reactive molecular-beam 

epitaxy and pulsed-laser deposition, we show that atomic layer-by-layer laser molecular-

beam epitaxy (ALL-Laser MBE) using separate oxide targets significantly advances the 

state of the art in constructing oxide materials with atomic layer precision. Using 

homoepitaxial Sr1+xTi1-xO3 as an example, it is demonstrated that the technique is 

effective in producing oxide films with stoichiometric and crystalline perfection as well 

as new layered materials.  

 

 

3.2 Growth of SrTiO3 homoepitaxial thin films using ALL-Laser MBE 

A KrF excimer laser (λ = 248 nm, pulse duration 25 ns) was used with repetition 

rate ranging from 1 Hz to 30 Hz. For the growth of SrTiO3, a single crystal SrO target 

and a ceramic TiO2 target were used. The oxygen pressure during the growth was 1×10
-6

 

Torr and the substrate temperature was 760 ºC. With a laser energy density of 0.9 J/cm
2
, 

the number of laser pulses was about 100 for each SrO layer and 80 for each TiO2 layer 

in the growth of stoichiometric SrTiO3 film. The offstoichiometric films Sr1+xTi1-xO3 
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were created by supplying 100x % more SrO and TiO2 in each layer. After the deposition, 

the films were cooled to room temperature in oxygen at the same pressure as during the 

growth. 

 

 

Figure 3.1 RHEED diffracted spot intensity oscillations during the atomic layer-by-layer 

growth of SrTiO3 films. (A) The red and blue shaded areas represent the depositions of 

SrO and TiO2 layers, respectively. The white areas represent target switching when no 

ablation takes place. The red dotted lines indicate variations of the intensity for the cases 

of Sr-rich, Sr-poor, and stoichiometric deposition, respectively. (B) RHEED intensity 

beating when 0.9 monolayers of SrO and TiO2 are deposited during each target switching 

cycle. (C) Characteristic RHEED intensity oscillations during the growth of a 

stoichiometric SrTiO3 sample with full layer coverage. 
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Figure 3.1 shows the RHEED intensity oscillations along the SrTiO3 [110] azimuth 

as the targets of SrO and TiO2 were alternately ablated. Starting from a TiO2–terminated 

SrTiO3 substrate surface, when one monolayer of SrO is deposited the diffracted spot 

intensity increases to a maximum while it decreases to a minimum when one monolayer 

of TiO2 is subsequently deposited. As shown in Figure 3.1A, Sr/Ti > 1 leads to increasing 

peak intensity and the appearance of a “double” peak during deposition of a full unit cell, 

while Sr/Ti < 1 leads to reduced peak intensity and disappearance of the “double” peak; 

Sr/Ti = 1 results in constant peak intensity and unchanged shape in sequential unit cell 

deposition. Furthermore, insufficient or excess pulses in each cycle causes beating of the 

RHEED intensity (Figure 3.1B) while the intensity remains constant for 100% layer 

coverage (Figure 3.1C). Using the RHEED intensity oscillation combined with the laser 

pulses/atomic layer information obtained from the thickness measurement of calibration 

films, an arbitrary cation stoichiometry in the films can be achieved to within ±1%.  
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3.3 RHEED intensity oscillation patterns of the specular spot, the diffraction spots, and 

the Kikuchi line intersection  

 

 

Figure 3.2 RHEED pattern and intensity oscillations for specular spot, diffraction spots, 

and Kikuchi line intersection. (A) RHEED pattern after the growth of a TiO2 layer. (B) 

RHEED intensity oscillations during homoepitaxial SrTiO3 growth. 
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The specular spot also oscillates with the same period as the diffraction spot, albeit 

180° out of phase, if the Kikuchi lines caused by the diffused scattering of electrons do 

not overlap the specular spot. For atomic layer-by-layer film growth by reactive MBE of 

ALL-laser MBE, the intensity of the RHEED diffraction spot along the SrTiO3 [110] 

azimuth rather than the specular spot is monitored and used to control the growth. The 

specular spot intensity often shows “double peak” behavior and is less predictable. This 

effect has been recognized and articulated by Dobson et al. as due to the superposition of 

the elastic specular scattered and the diffused scattering such as Kikuchi bands [1]. 

Figures 3.2A shows the RHEED pattern after the deposition of a TiO2 layer. One can 

clearly see that beside the specular spot and the diffraction spot, there is a bright spot due 

to the intersection of Kikuchi lines. Figure 3.2B shows the RHEED intensity oscillations 

corresponding to different areas of integration as marked by the various rectangles as the 

targets of SrO and TiO2 were being alternately ablated. The intensity of the Kikuchi 

intersection spot oscillates in-phase with the diffraction spot with the same period. The 

specular spot also oscillates with the same period as the diffraction spot, but 180° out of 

phase. When the Kikuchi spot and the specular spot are integrated together, a complex 

intensity oscillation pattern appears. In principle, the specular spot intensity oscillation 

can be used for the control of atomic layer-by-layer growth; in practice, however, it often 

overlaps with the Kikuchi spot, making its use difficult. 

 

 

3.4 Growth calibration using split RHEED intensity peaks 

The RHEED intensity contains information on both surface step edge density and 
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surface chemistry. When all the elements are delivered at the same time in the unit cell-

by-unit cell growth of oxide films, the chemical information is averaged out and only the 

step edge density of the film is reflected in RHEED intensity. For ALL-MBE or ALL-

Laser MBE, the surface chemistry changes when different atomic layers are deposited 

sequentially; consequently both the step edge density and chemistry information can be 

observed. 

 

 

 

Figure 3.3 Surface roughness and chemistry evolution and RHEED intensity oscillations 

during epitaxial SrTiO3 growth. (A) RHEED intensity oscillations for a stoichiometric 

SrTiO3 growth on top of one half extra SrO layer. (B) A zoom in on one of the RHEED 
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oscillation in Fig. 33A. (C)-(G) Schematics, AFM images and surface root mean square 

roughness (Rq) for five films with growth stopped at certain time from t1 to t6 in Figure 

3.3B. 

 

 

Strontium, with a larger atomic number, has a larger scattering power, or atomic 

form factor, than Ti [2]. Therefore, in general, the deposition of the SrO layer leads to an 

increase in the RHEED intensity and the growth of the TiO2 layer causes the RHEED 

intensity to decrease. Surface roughness adds complexity to this simple picture and the 

combined effects of roughness and chemistry give rise to the experimentally observed 

variety of RHEED intensity oscillation patterns. As shown in Figure 3.1A, an oversupply 

of Sr causes the RHEED intensity peak to split. By adding one half extra SrO layer on top 

of stoichiometric SrTiO3, split RHEED intensity peaks as those in Figure 3.3A can be 

created. Four films are grown with this double peak calibration and the growth for each 

film is interrupted at different time as shown in Figure 3.3B. Starting at time t1, a film 

with half monolayer (ML) of SrO on top of a completed TiO2 ML is presented in  Figure 

3.3C. The surface roughness Rq of this film is 0.13 nm, slightly larger than that of a TiO2 

terminated substrate (0.11 nm), indicating an incomplete coverage. RHEED intensity for 

this film is as indicated at t1 in Figure 3.3B. As the deposition of SrO continues to t2, 

where 1.2 ML of SrO was deposited, RHEED intensity increases to a maximum. Rq of 

this film drops to 0.12 nm, indicating a better coverage of the surface. The growth for the 

third film continued SrO deposition to time t3, where 1.5 ML SrO was completed. The 

surface roughness increase to 0.17 nm, indicating some extra rock-salt structure of SrO 

on the surface as shown in Figure 3.3E. From t3 to t4, the target is switched from SrO to 
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TiO2. For the forth film, where the growth is stopped after 0.4 ML TiO2 is deposited on 

top of 1.5 ML SrO, RHEED reaches its local maxima. Smoothing happens from t4 to t5, 

as the Rq drops from 0.17 nm to 0.13 nm. Some segregation between SrO and TiO2 may 

take place during this period of time as well [3], indicated by a local minima between t4 

and t5. From t5 to t6, a ML of TiO2 is completed. The segregation continues and the 

surface structure becomes to 0.5 ML SrO on top of 1 ML TiO2, which is the same as t1. 

Thus, RHEED intensity for t1 and t6 are identical. A complete ML of SrO and TiO2 are 

deposited during t1 to t6, and RHEED oscillation finishes a whole period. As long as a 

stoichiometric supply of SrO and TiO2 is maintained, the split RHEED intensity pattern 

will remain. This effect is utilized to more accurately calibrate the numbers of laser 

pulses for each SrO or TiO2 layer. 

 

 

3.5 Characterization of the Sr1+xTi1-xO3 films 

Using the ALL-Laser MBE method, a series of 60 nm thick Sr1+xTi1-xO3 films with 

different x values were grown on TiO2-terminated SrTiO3 substrates. The characterization 

results of those films are shown in Figure 3.4. The composition and thickness was 

determined by the Rutherford backscattering spectrometry (RBS) measurement, shown in 

Fig. 3.4A. The x values are 0.13, 0.05, -0.01, -0.07 and -0.12, with an error of ±5%, for 

the five films, respectively, consistent with the intended compositions controlled by the 

respective numbers of laser pulses (x = 0.10, 0.05, 0.00, -0.05, -0.10). Figure 3.4B shows 

x-ray diffraction (XRD) θ-2θ scans for the films around the SrTiO3 002 diffraction peak 

along with that of the SrTiO3 substrate. When the film is stoichiometric, the XRD 
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spectrum cannot be distinguished from that of the single crystal SrTiO3 substrate. When 

the film is not stoichiometric, regardless of Sr rich or deficient, a diffraction peak from 

the film at a smaller angle than the substrate peak is seen, indicating a c-axis lattice 

expansion. The c lattice constant vs. x is plotted for the films in Figure 3.4C. Also plotted 

are data from films grown by reactive MBE for comparison. The results from the two 

techniques are in quantitative agreement with each other.  

 

 

 

Figure 3.4 Structure and composition of Sr1+xTi1-xO3 films. (A) RBS spectra for five 60 

nm thick Sr1+xTi1-xO3 films grown by ALL-Laser MBE on SrTiO3 substrates. The 

compositions determined by RBS have an error of ± 5%. (B) XRD -2 scans of the 
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films and a bare SrTiO3 substrate. The black dotted line represents the substrate peak 

position, and arrows point to film peaks. (C) The c lattice constant (determined by the 

XRD measurement) vs. x (determined by the RBS measurement) for the five films. The 

data from films grown by reactive MBE are included for comparison. 

 

Figure 3.5 Ultraviolet Raman spectra (λ = 325 nm, T = 10 K) for five Sr1+xTi1-xO3 films, a 

stoichiometric film grown by reactive MBE, and a SrTiO3 single crystal. 
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Ultraviolet Raman spectroscopy measurements were performed in a backscattering 

geometry normal to the film surface using a Jobin Yvon T64000 triple spectrometer 

equipped with a liquid nitrogen cooled multichannel charge coupled device detector. 

Ultraviolet light (325 nm line of the He-Cd laser) was used for excitation. Maximum 

laser power density was ~0.5 W/mm
2
 at the sample surface, low enough to avoid any 

noticeable local heating of the sample. Spectra were recorded at 10 K using a variable 

temperature closed-cycle helium cryostat. In Figure 3.5, ultraviolet Raman spectra are 

presented for the five films as well as a stoichiometric film grown by reactive MBE [4] 

and a single crystal SrTiO3 substrate. For bulk SrTiO3, the Raman spectrum shows only 

the second-order features [5], while the spectra of all the nonstoichiometric samples 

contain strong first-order Raman peaks, indicating the breakdown of the central inversion 

symmetry. The stoichiometric film shows spectra similar to those of the stoichiometric 

film grown by reactive MBE (broad and weak second-order Raman peaks). The results 

demonstrate that ALL-Laser MBE possesses the same excellent stoichiometry control as 

ALL-MBE. 
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Figure 3.6 AFM topographic images for SrTiO3 substrate and film. (A) A TiO2 

terminated SrTiO3 (001) surface and (B) a 60 nm stoichiometric SrTiO3 film grown on 

SrTiO3 substrate. The inserts show the cross section of the image along the steps, 

indicating that atomically flat surfaces with step-and-terrace structures have been 

obtained for the substrates and the film. RMS roughness for both the substrates and the 

film are around 0.1 nm. 

 

 

The (001) SrTiO3 substrates used in this work were treated following the receipe in 

[6] to produce atomically flat TiO2-terminated surface with one unit-cell-high steps 

(Figure 3.6A). The surface morphology of a 60 nm SrTiO3 (Figure 3.6B) grown on 

treated SrTiO3 substrates also shows atomically flat surface with root mean square 

(RMS) roughness around 0.1 nm, comparable to that of the SrTiO3 substrate.  
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Figure 3.7 XRR measurement and fitting for 154 unit cells of stoichiometric SrTiO3 on 

LaAlO3 substrate. 

 

 

Besides the beating in RHEED intensity oscillation shown in Figure 3.1B, the 

thickness measurement of calibration films by XRR was also used to calibrate the SrO 

and TiO2 deposition rates for complete monolayer coverages. Because XRR oscillations 

are usually not observable for a stoichiometric SrTiO3 film on SrTiO3 substrate [7], 

LaAlO3 substrate was used for the calibration films. Figure 3.7 shows the XRR scan and 

fitting curve for a SrTiO3 film built with 154 pairs of SrO and TiO2 layers. The thickness 

of the film from the XRR measurement is 62.7 nm as compared to the thickness of 154 

unit cells fully relaxed SrTiO3 60.1 nm. Assuming that the SrTiO3 film on LaAlO3 
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substrate is fully strained and considering the Poisson’s ratio  [8]
 
for SrTiO3, the 

measured thickness agrees with the designed thickness within 2% [9].  

 

 

 

Figure 3.8 Cross-sectional STEM HAADF image of a stoichiometric 30 nm film. 

 

 

Figure 3.8 is a scanning transmission electron microscope (STEM) cross-sectional 

image of the stoichiometric film. A small contrast along the interface was observed. The 

SrTiO3 film is free of off-stoichiometry related defects, making it indistinguishable from 

the SrTiO3 substrate. No Ruddlesden–Popper planar faults disordered structure were 

observed, indicating film stoichiometry. 
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CHAPTER 4 

LAALO3/SRTIO3 INTERFACE: DEPENDENCE OF INTERFACE CARRIER 

DENSITY ON FILM STOICHIOMETRY 

 

4.1 Introduction 

Since the discovery of the 2D electron gas at the LaAlO3/SrTiO3 interface [1], 

several competing mechanisms have been proposed and intensely debated, including 

polar catastrophe [2], oxygen vacancies in the SrTiO3 substrate [3, 4], and intermixing 

between the LaAlO3 film and the SrTiO3 substrate [5, 6]. According to the polar 

catastrophe mechanism, because the atomic layers are charge neutral in SrTiO3 but 

charged in LaAlO3, a diverging electric potential is built up in the LaAlO3 film grown on 

TiO2-terminated SrTiO3 substrate. This leads to a transfer of half electron from the 

LaAlO3 film surface to SrTiO3 when the LaAlO3 layer is thicker than 4 unit cells, 

creating a 2D electron gas at the interface with a sheet carrier density of 3.3×10
14

/cm
2
 for 

sufficiently thick LaAlO3. A serious problem with this picture is that the carrier densities 

reported in the literature are invariably lower than the expected value [9, 10]. except 

under conditions where reduction of SrTiO3 substrate is suspected [3, 4]. Oxygen 

vacancies in SrTiO3 are known to contribute to conductivity, but all reported conducting 

LaAlO3/SrTiO3 interfaces have been grown at oxygen pressures lower than 10 mTorr [2, 

11-13]; higher oxygen pressures during the PLD growth result in insulating samples [12] 

or 3D island growth [14]. Low growth pressures can also cause enhanced bombardment 

effect due to energetic species that may lead to La-Sr intermixing at the interface [12]. At 
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present, there is no consensus on the origin of the 2D electron gas at the LaAlO3/SrTiO3 

interface.  

 

 

4.2 Growth of epitaxial LaAlO3 films on SrTiO3 substrates using ALL-Laser MBE 

In this study, LaAlO3 films were grown on SrTiO3 substrates with the ALL-Laser 

MBE technique mentioned in chapter 3. Ceramic targets of La2O3 and Al2O3 were used. 

The oxygen pressure during the growth was 37 mTorr and the substrate temperature was 

720 ºC. The laser energy density was 1.0 J/cm
2
 on the La2O3 target, requiring 75 laser 

pulses for each LaO layer, and 1.3 J/cm
2
 on the Al2O3 target, requiring 91 laser pulses for 

each AlO2 layer. The offstoichiometric LaAl1+yO3(1+0.5y) films were created by  supplying 

100y % more Al in each layer. After the deposition, the films were cooled to room 

temperature in oxygen at the same pressure as during the growth. 

We were able to grow conducting LaAlO3/SrTiO3 interfaces at an oxygen pressure 

as high as 37 mTorr. This high oxygen pressure helps to prevent the possible oxygen 

reduction in SrTiO3, ensure that the LaAlO3 films are sufficiently oxygenated, and 

suppress the La-Sr intermixing due to the bombardment effect. Furthermore, we grew 

LaAlO3 films of different cation stoichiometry, LaAll+yO3, as a way to test the polar 

catastrophe hypothesis. In order to maintain charge neutrality, extra oxygen is induced so 

that the chemical formula of the film is LaAll+yO3(1+0.5y). If the polar catastrophe is the 

sole mechanism of the 2D electron gas, instead of charge transfer of half electron in the 

case of stoichiometric LaAlO3, (0.5-y) electron will be transferred as a result of the 

potential buildup by the layers of [LaO1+y], with a charge of +(1-2y), and [Al1+yO2+0.5y], 
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with a charge of -(1-2y). A linear relation between the sheet carrier density and y, ns= (1-

2y)×3.3×10
14

/cm
2
, for sufficiently thick LaAlO3, and ns= (1.7-3.3×2y) ×10

14
/cm

2
 for the 

10 unit-cell LaAlO3 films used in this work, should be expected [15]. 

 

Figure 4.1 RHEED oscillations, RHEED pattern and surface morphology for a 10 u.c. 

LaAlO3 film grown on SrTiO3 substrate at an oxygen pressure of 37 mTorr. (A) RHEED 

intensity oscillations during the growth. (B) RHEED pattern after the growth of the 10 

unit-cell stoichiometric LaAlO3 film. (C) AFM topographic images of the 10 unit-cell 

LaAlO3 film on SrTiO3. Root mean square (RMS) roughness of the film is 0.1 nm. 
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Starting from a TiO2-terminated SrTiO3 substrate, we grew 10 unit-cell thick 

LaAlO3 films by alternately ablating La2O3 and Al2O3 targets under an oxygen pressure 

of 37 mTorr. The RHEED intensity oscillations during the growth of a stoichiometric 

film are shown in Figure 4.1A. The RHEED intensity for the first LaO layer shows an 

irregular pattern, reflecting the state of surface chemistry, charge, and morphology during 

the transition from TiO2 to LaO. The pattern becomes more regular in the subsequent 

layers. The reduction in the RHEED intensity from the substrate level is small throughout 

the growth of the 10 unit-cell stoichiometric LaAlO3 film. The 2D growth mode was 

maintained as confirmed by the sharp RHEED spots in Figure 4.1B for the 10 unit-cell 

film. The atomic force microscopy (AFM) image for the film in Figure 4.1C shows an 

atomically flat surface. To change the cation stoichiometry of the film, the number of 

laser pulses on the Al2O3 target for each Al1+yO2 layer was varied.  
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Figure 4.2 XRD θ-2θ scan of a 25 u.c. LaAlO3 film grown on SrTiO3 substrate. 

 

 

A 25 u.c. LaAlO3 film was grown from La2O3 and Al2O3 targets under the 

calibrated stoichiometric growth condition in an oxygen pressure of 37 mTorr. Figure 4.2 

is a XRD θ-2θ scan for the 25 u.c. film. The film c lattice constant was determined to be 

3.71 Å with Nelson-Riley fitting method. Using a Poisson ratio  =0.26 (41), and LaAlO3 

bulk c lattice constant 3.79 Å, the c lattice constant calculated for the film is 3.71 Å. No 

lattice expansion was observed.  
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Figure 4.3 Titanium XAS, XLD and XMCD data for LaAlO3 films on SrTiO3. (A) Ti 

XAS spectra measured at 13 K with a polarization parallel (black curve) and 

perpendicular (red curve) to the sample normal. (B) Ti L2,3-edges XLD spectra for 3 

LaAl1+yO3/SrTiO3 samples with y = -0.02, 0.00, and 0.08.  (C) XMCD observed for the 

in-plane geometry for 4 LaAl1+yO3 films on SrTiO3 with y = -0.02, 0.00, 0.06, and 0.08. 

All samples were measured at a temperature of 13 K in a constant field of ±0.5 T. 

 

 

Because of the high oxygen pressure during the LaAlO3 growth, the samples were 

well oxygenated. This was proved by polarized x-ray absorption spectroscopy (XAS) 

measurements. Figure 4.3A shows XAS spectra with different linear polarizations and the 
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Ti L2,3 x-ray linear dichroism (XLD) signals are shown in Figure 4.3B for different 

LaAl1+yO3 stoichiometry. No Ti
3+

 related features around 462 eV, characteristic of the 

oxygen deficient LaAlO3/SrTiO3 samples [16, 17], are observed. Rather, the spectra are 

similar to the fully oxygenated samples [16, 17]. Figure 4.3C shows the Ti L2,3 x-ray 

magnetic circular dichroism (XMCD) signals obtained from opposite circularly polarized 

XAS spectra. Very small XMCD signals were observed, indicating very weak 

ferromagnetism. This again is consistent with the fully oxygen annealed LaAlO3/SrTiO3 

samples [16, 17].  
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Figure 4.4 Transport properties for a series of 10 unit-cell LaAl1+yO3(1+0.5y) films with 

different y values. (A) Sheet resistance, (B) carrier density, and (C) Hall mobility as 

functions of temperature. (D) Sheet resistance, (E) sheet carrier density, and (F) Hall 

mobility as functions of film stoichiometry at 300 K (red squares) and 4 K (blue dots). 

The dashed line in (D) is the quantum resistance limit h/4e
2
 [18]. The dashed line in (E) 

indicates the theoretical value of sheet carrier density for 10 unit-cell films with different 

stoichiometry under the assumption of pure electronic reconstruction [15]. 

 

 

The temperature and stoichiometry dependences of the sheet resistance, sheet 

carrier density and mobility are shown in Figure 4.4A-F, respectively, for the 10 unit-cell 
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thick LaAl1+yO3(1+0.5y) films. All the films are conducting with sheet resistance around 10
4
 

Ω/□ at 300 K, in contrast to insulating films grown by PLD from LaAlO3 compound 

targets at this oxygen pressure [12, 19]. However, only the Al rich LaAl1.08O3.12 film 

shows metallic behavior in the full temperature range while all other films show low-

temperature resistivity upturns, consistent with earlier reports of stoichiometry 

dependence [20, 21]. The low temperature upturn has a -lnT dependence characteristic of 

the Kondo effect [22]. This may be attributed to the inevitable defects at the 

LaAlO3/SrTiO3 interface, consistent with the weak magnetism shown by Figure 4.3C. 

The black dashed line in Figure 4.4D represents the threshold normal-state sheet 

resistance h/4e
2
, or 6.5 kΩ/□ for superconductor-insulator transition [18]. Only the Al-

rich samples have normal-state sheet resistance below the dashed line, thus may show 

superconductivity.  The sheet carrier density is around 10
14

/cm
2
 for all the samples, close 

to the expected value of 1.7×10
14

/cm
2
. The sample with a higher sheet carrier density 

shows a lower mobility, in agreement with previous reports [10].  

 

 

4.3 Conclusion 

The central result of this work is the dependence of sheet carrier density on the 

stoichiometry of LaAl1+yO3 shown in Figure 4.4E. The black dashed line represents ns= 

(1.7-2y×3.3) ×10
14

/cm
2
, which is expected by the polar catastrophe hypothesis [15]. The 

red squares, which denote 300 K sheet carrier density, overlap with the dashed line. No 

additional mechanism is necessary to explain our data, nor can any other mechanism 

produce the linear dependence on the LaAl1+yO3 stoichiometry. A similar approach was 
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reported, where the critical thickness for conductivity was tuned by diluting LaAlO3 film 

with SrTiO3 to form (LaAlO3)x(SrTiO3)1-x, however, the carrier density was an order 

below the theoretical predicted value [23]. The quantitative agreement between our 

experimental result and the theoretical prediction provides a strong proof that the polar 

catastrophe is responsible for the 2D electron gas at the LaAlO3/SrTiO3 interface.  

The key differences between our result and the previous reports are the high oxygen 

pressure during the film growth and the high film crystallinity as demonstrated by Figure 

4.1 and 4.2. We argue that the high oxygen pressure suppresses the likelihood of oxygen 

vacancies in SrTiO3 and the bombardment effect. Unlike previous reports of lattice 

expansion in the LaAlO3 films [13, 15], no lattice expansion was observed (c =3.71 Å) by 

the XRD measurement of a cation stoichiometric 25 unit-cell LaAlO3 film grown under 

the same conditions as those used in this study. This indicates that the structure of our 

stoichiometric film is closer to that of bulk LaAlO3. Compared to previous PLD studies 

on the stoichiometry dependence, where the laser energy density and oxygen pressure 

were varied, the films in our study were grown under the same conditions, thus free from 

the extrinsic effects due to those variations.  
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CHAPTER 5 

LAALO3/SRTIO3 INTERFACE: DEPENDENCE OF INTERFACE CARRIER 

DENSITY ON FILM THICKNESS 

 

5.1 Introduction 

This chapter talked about the dependence of interface carrier density of 

LaAlO3/SrTiO3 interface. Unlike chapter 4, all the LaAlO3 films mentioned in this 

chapter were grown using conventional pulsed laser deposition (PLD)/laser molecular 

beam epitaxy (MBE) technique, where a compound target of LaAlO3 was ablated for the 

deposition.  

 According to the polar catastrophe mechanism, when a LaAlO3 film grows thicker 

than 4 unit cells (u.c.), electrons progressively transfer from the surface of the film to the 

interface, increasing the two-dimensional carrier density at the interface and giving rise to 

the insulating to conducting transition at the interface [1, 2]. The dependence of the 

carrier density on film thickness was calculated based on the polar catastrophe 

mechanism [3-5]. The atomic planes of positively charged LaO and negatively charged 

AlO2 create a built-in electric field, which is directly proportional to the thickness of the 

LaAlO3 film. The interface system is insulating when the film thickness is below 4 u.c. 

and the built-in potential is less than the band gap between LaAlO3 valance band and 

SrTiO3 conduction band. Above 4 u.c., the built-in potential across LaAlO3 film exceeds 

the band gap and the electrons tunnel from LaAlO3 valance band to SrTiO3 conduction 

band and yields a Zener breakdown. A progressive electron transfer from the film surface 

to the interface occurs, and the carrier density is predicted to increase gradually with film 
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thickness from zero below 4 u.c. to 3.3×10
14

 cm
-2

 at the limit of infinite film thicknesses 

[3]. Discrepancies of previous carrier density experimental results with the calculation 

were reported, for example, the carrier density decreases as thickness increases [6], the 

measured carrier densities were several orders higher than the calculated values in films 

thicker than the critical thickness (4 u.c) [7]. Most of the discrepancies can be attributed 

to extrinsic factors, such as oxygen vacancies in the SrTiO3 substrate [8], and the growth-

induced stoichiometry variation [9, 10]. The oxygen vacancies can be reduced by low 

temperature or high oxygen pressure growth. The stoichiometry of the films can be tuned 

by changing growth pressure and laser energy density in pulsed laser deposition [11], or 

by controlling evaporation time for the individual source in reactive molecular beam 

epitaxy (MBE).  

In this chapter, LaAlO3 films with various thicknesses were grown on SrTiO3 

substrates using laser MBE to study the dependence of the carrier density at the 

LaAlO3/SrTiO3 heterointerface on LaAlO3 film thickness. For films under 13 u.c., the 

thickness dependence of the carrier density for the strained films agrees with the polar 

catastrophe mechanism-based calculation: the carrier density gradually increases with 

film thickness. When the film thickness reaches 13 u.c., the film starts to relax and crack. 

For films thicker than the critical thickness of 13 u.c., the carrier density increases 

abruptly by two orders of magnitude, which can be attributed to the oxygen vacancies 

introduced during film cracking.  
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5.2 Growth and characterization of LaAlO3 films on SrTiO3 substrates 

LaAlO3 films with thickness from 3 u.c. to 125 u.c. were grown on TiO2-terminated 

SrTiO3 substrate [12] using Laser MBE. The growth temperature was optimized at a 

relatively low temperature 720 ºC to maintain the strain state of the LaAlO3 film and to 

reduce the oxygen vacancies formed in the SrTiO3 substrate. A KrF excimer laser (λ = 

248 nm, pulse duration 25 ns) was used with a repetition rate of 1 Hz. A LaAlO3 single 

crystal target was ablated under the laser energy density ranging from 0.65 J/cm
2
 to 0.80 

J/cm
2
. The base pressure was 5×10

-9
 Torr, and the oxygen pressure was 3×10

-6
 Torr 

during the growth. After the growth, films were cooled down to room temperature in 

oxygen same as the growth pressure. The crystal structures of the films were studied by 

high-resolution x-ray diffraction (XRD) (Bruker, D8 Discover). The surface 

morphologies of the films were characterized by atomic force microscopy (AFM) 

(Bruker, Dimension icon). The electrical transport properties of the two-dimensional 

interface were measured using a physical property measurement system (PPMS) 

(Quantum Design) with Van der Pauw four points method [13]. The growth of the 

LaAlO3 films was monitored continuously by reflection high-energy electron diffraction 

(RHEED) during the deposition. 
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Figure 5.1 RHEED oscillations and XRD measurement for LaAlO3/SrTiO3. (a) RHEED 

specular spot intensity oscillations during the growth of a 35 u.c. LaAlO3 film grown on a 

TiO2-terminated SrTiO3 substrate. The insets are the RHEED patterns before growth and 

after growth. (b) XRD θ-2θ scan for a 50 nm LaAlO3 film grown on SrTiO3 substrate. 

The stars indicate the SrTiO3 substrate peaks. (c) A zoom in for the SrTiO3 substrate and 
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LaAlO3 film (002) peaks in (b). Double peaks are observed for LaAlO3 (002) diffraction 

plane. 

Figure 5.1a shows the RHEED specular spot intensity oscillations during the 

growth of a 35 u.c. LaAlO3 film at a TiO2-terminated SrTiO3 substrate. The insets show 

the RHEED pattern before the growth (left) and after the growth (right) of the 35 u.c. 

LaAlO3 film on the SrTiO3 substrate. Sharp dotted structures indicate atomically flat 

surfaces and pure cubic structures for both SrTiO3 substrate and LaAlO3 film. Full range 

XRD θ-2θ scan is shown in Figure 5.1b. Sharp diffraction peaks (001), (002), and (003) 

are observed for both SrTiO3 substrate and LaAlO3 films. Thickness fringes are also 

observed around the film peaks, representing a good crystallinity. Noticeably, as shown 

in Figure 5.1c, a zoom in for the (002) peak in Figure 5.1b, peak splitting is observed for 

the LaAlO3 film, indicating a two-layer structure with different lattice constants and 

strain conditions. Previous studies have proven that the first layer closer to the SrTiO3 

substrate is an almost fully strained layer, and the second layer on the top of the film 

gradually relaxes as the film thickness increases [11].  
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Figure 5.2 AFM images for LaAlO3 films. (a) A 7 u.c. LaAlO3 film on SrTiO3 substrate 

and (b) a 21 u.c. LaAlO3 film on SrTiO3 substrate. 

 

 

We have also observed the strain and strain relaxation related film surface 

morphology evolution. When the film thickness is below the critical thickness (13 u.c.) 

and, the LaAlO3 film shows an atomically flat surface with substrate miscut steps (Figure 

5.2a). When the film thickness is above the critical thickness, the film splits into two 

layers and the top layer start to relax, and cracks appears on the surface of the LaAlO3 

films (Figure 5.2b). To study the growth condition related strain relaxation behavior, we 

have tuned the growth laser energy density in a range of 0.65 J/cm
2
 to 0.8 J/cm

2
. A 

minimum unit-cell volume of 57.07 Å
3
 (with c lattice constant of 3.74 Å) for the fully 

strained layer is achieved at 0.71 J/cm
2
. Based on the calculation with Poisson’s ratio 

=0.26 [14]
 
and bulk lattice constant 3.79 Å for LaAlO3, when the film in-plane lattice 

constant is 3.905 Å (fully strained to SrTiO3), the out-of-plane lattice constant is 3.71 Å 
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for a stoichiometric film. The calculated unit cell volume for a stoichiometric LaAlO3 

film is 56.56 Å, close to our experimental result. The strain relaxation and cracking 

behavior only reproduce at 0.71 J/cm
2
, but not at higher energies, possibly due to cation 

offstoichiometry related lattice expansion at higher laser energies.  

 

 

 

 

Figure 5.3 Transport properties for a series of LaAlO3 films with thicknesses from 4 u.c. 

to 125 u.c. (a) Sheet resistance (b) carrier density (c) Hall mobility as functions of 

temperature. (d) Sheet resistance, (e) carrier density, and (f) Hall mobility as functions of 

film thickness at room temperature. 
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The electrical transport properties of a series of LaAlO3 films with thicknesses 

ranging from 4 u.c. to 125 u.c. are presented in Figure 5.3. The carrier density (Rs) 

(Figure 5.3a and d) shows a gradual decrease for film thickness from 4 u.c. to 12 u.c. and 

then a sharp drop from 12 u.c. to 17 u.c. The carrier density (ns) gradually increases for 

films from 4 u.c. to 12 u.c. and approaches 3.3 × 10
14

 cm
-2

 and shows a sharp jump 

towards 10
15

-10
17

cm
-2

 region for films thicker than 17 u.c. The mobility (μH) increases 

with LaAlO3 thickness, but no sharp transition was observed. We propose that the 

behavior is closely correlated to the strain relaxation in the LaAlO3 films, in which cracks 

start to form at a film thickness around 13 u.c.  
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Figure 5.4 Sheet carrier density vs. LaAlO3 film thickness. (a) Room temperature carrier 

density for a series of 20 LaAlO3 films with thickness ranging from 4 to 40 u.c. The data 

group in the small blue circle represents the films with thickness less than critical 

thickness (4 u.c. to 12 u.c.). The data in the big red circle represents the films with a 

thickness higher than the critical thickness (13 u.c. to 40 u.c.). (b) A comparison of 

carrier densities of experimental (black squares) and theoretical carrier density (red dots) 

[3] for the films below the critical thickness.  
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To further illustrate the idea of thickness dependence of the transport property, we 

take a closer look at the room temperature carrier density for the total of 20 LaAlO3 films 

on SrTiO3 substrates, where the LaAlO3 thicknesses range from 4 u.c. to 40 u.c. As 

shown in Figure 5.4a, the data are categorized into two groups. The blue circle at the left 

bottom of the figure includes a group (thinner film group) with LaAlO3 film thicknesses 

from 4 u.c. to 12 u.c. The carrier density for this group gradually increases with film 

thickness. One of the 12 u.c. films has a carrier density of 2.8 × 10
14

 cm
-2

. Films in this 

group possess atomically flat surfaces with substrate miscut step height of 1 u.c., 

represented by the AFM for a 7 u.c. film in Figure 5.2a. The red circle at the right top of 

the figure includes a group (thicker film group) of samples with LaAlO3 film thickness 

greater than 13 u.c. From the thinner film group to the thicker film group, the carrier 

density shows a sharp jump of an order of magnitude between 12 u.c. and 13 u.c. Figure 

5.2b shows the surface morphology of a 21 u.c. film, which represents the cracking 

surfaces for all the films in the thicker film group. For thicker films, the cracks may 

create an escape path for oxygen and reduce the SrTiO3 substrate to conductive 

conditions. Therefore, the carrier densities for films thicker than 13 u.c. are high and 

close to the previously reported oxygen deficient films [8]. The black squares in Figure 

5.4b are the zoom in for films from 4 u.c. to 12 u.c. in Figure 5.4a. The theoretical data 

are also included at red dots as a comparison [3]. Our result quantitatively agrees with the 

theoretical calculation and differs from previously reported experimental data [6]. We 

attribute this to the control of strain and strain relaxation status in the films. Only the 

films under the critical thickness possess the fully strained condition, which matches the 

scenario used for the calculations [3]. It was also reported that when the growth 
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temperature is as high as 800 ºC, the strain in the LaAlO3 film starts to relax at a much 

lower critical thickness of ~6 u.c. Only when the growth temperature is equal to (or less 

than) our growth temperature 720 ºC, the strain relaxation can be delayed to the thickness 

~13 u.c., and the experimental thickness dependent carrier density matches the theory.  

 

 

5.3 Conclusion 

To summarize, we have studied the dependence of the LaAlO3/SrTiO3 interface 

carrier density on LaAlO3 film thickness. We have optimized the growth condition to 

delay the strain relaxation as the film thickness increases. Below the critical thickness of 

13 u.c., where the films are fully strained to the substrate, the carrier density gradually 

increases with the film thickness and approaches 3.3×10
14

 cm
-2 

for a 12 u.c. film. The 

behavior quantitatively matches theoretical prediction with the assumption of a fully 

strained film condition. Above the critical thickness, cracks appear on the LaAlO3 films 

and the carrier density jumps up 2 orders of magnitude, which is possibly due to the 

oxygen escaping through the cracks and reducing the SrTiO3 substrate to a conductive 

condition. A careful tuning of the strain condition is the key to approaching the structure 

constructed by theory and a better understanding of the physics in the two-dimensional 

electron gas.  
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CHAPTER 6 

APPLICATION OF ATOMIC LAYER-BY-LAYER LASER MOLECULAR BEAM 

EPITAXY TECHNIQUE ON OTHER OXIDE MATERIALS 

 

6.1 Introduction 

This chapter will focus on the application of ALL-Laser MBE technique on other 

systems, including Ruddlesden–Popper phase Lan+1NinO3n+1 (n = 4), CaMnO3, BaTiO3 

and BaTiO3/CaMnO3 superlattice. Using those examples, effectiveness of the technique 

in producing oxide films with stoichiometric and crystalline perfection is further 

demonstrated. 

 

 

6.2 Ruddlesden–Popper phase Lan+1NinO3n+1 (n = 4) 

In recent studies, high order Ruddlesden-Popper phase Lan+1NinO3n+1 was proposed 

to be a potential oxygen reduction electrodes for solid oxide fuel cells, due to its 

structural stability at high temperature, high electrical conductivity and high ionic 

conductivity [1]. No successful deposition of phase-pure Lan+1NinO3n+1 thin films with 

n > 3 has been reported in the literature, likely due to thermodynamic instability. As an 

example of the capability of ALL-Laser MBE, we have grown the thin film Ruddlesden-

Popper phase Lan+1NinO3n+1 with n=4. 

A KrF excimer laser (λ = 248 nm, pulse duration 25 ns) was used with repetition 

rate ranging from 1 Hz to 30 Hz. Ceramic targets of La2O3 and NiO were used for the 
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growth of La5Ni4O13, c. The oxygen pressure during the growth was 37 mTorr and the 

substrate temperature was 600 ºC. With the laser energy densities of 0.7 J/cm
2
 for LaO 

and 0.9 J/cm
2
 for NiO, the number of laser pulses was 75 for each LaO layer and 107 for 

each NiO2 layer. After the deposition, the films were cooled to room temperature at a 

oxygen pressure of 8 × 10
4
 Pa.  

 

 

 

Figure 6.1 Lan+1NinO3n+1 structure with n = 4. (A) Schematic of the La5Ni4O13. (B) 

RHEED intensity oscillations during the growth of a La5Ni4O13 film. An extra LaO layer 

is inserted after every four pairs of NiO2 - LaO layers are deposited. (C) XRD θ-2θ scan 

of the La5Ni4O13 film. (D) STEM HAADF image of the La5Ni4O13 film. (E) 

Simultaneously taken HAADF image and EELS elemental mapping for the area marked 

with a rectangular box in (D).  
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Figure 6.1A shows a schematic of the structure of La5Ni4O13, in which 4 layers of 

NiO6 octahedra are sandwiched between the NaCl-type LaO double layers. To grow the 

film by ALL-Laser MBE, La2O3 and NiO targets were ablated alternately to deposit the 

LaO and NiO2 atomic layers four times before an additional LaO layer was added. This is 

shown in Figure 6.1B by the RHEED intensity oscillations, in which the fourth LaO 

deposition in each period contains twice as many laser pulses as the other LaO layers. 

The XRD θ-2θ scan of the resultant 50 unit-cell La5Ni4O13 film is presented in Figure 

6.1C, showing the diffraction peaks of the n = 4 RP phase from 0010 to 0028 without any 

impurity peaks or peak splitting. Figure 6.1D is a cross-sectional scanning transmission 

electron microscope (STEM) high angle annular dark field (HAADF) image of the 

La5Ni4O13 film, showing an extra layer of LaO every 4 unit cells of LaNiO3. In Figure 

6.1E, atomic resolution elemental mapping using electron energy-loss spectroscopy 

(EELS) indicates a perfect match between the elemental distribution and the 

simultaneously taken HAADF image, verifying that the extra layer is indeed LaO.  

 

 

6.3 Epitaxial CaMnO3 films on various substrates 

Strain engineering has been used as a powerful tool to control the properties of 

functional oxide films. CaMnO3 has spiked tremendous interests because of the 

competition among the oxygen octahedral rotation, ferroelectricity and magnetic ordering. 

Incipient ferroelectricity was reported in tensile-strained CaMnO3 films while the bulk 

material is nonpolar [2]. Magnetic ordering transition was observed in CaMnO3 under 

different strain level [3]. Due to the coupling between electronic structure and optical 
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properties, epitaxial strain states influence both the dielectric constant and optical 

dielectric function [4]. However, while it usually assumed that the strain is 

accommodated by changing in lattice constant, it was theoretically predicted that in 

CaMnO3 films oxygen vacancy defects are formed in the tensile-strained films [5].  

The oxygen vacancy vs. strain level will be reported elsewhere by our collaborator 

Dr. Alex Gray and is not included in this thesis. This section will focus on the growth of 

the CaMnO3 films.  

In this study, four 30 nm CaMnO3 films were grown on SrTiO3, NdGaO3, LaAlO3 

and SrLaAlO4 substrates with the ALL-Laser MBE technique. Single crystal target CaO 

and ceramic target MnO2 were ablated to construct the film in an atomic layer-by-layer 

manner. RHEED oscillations were used to calibrate the stoichiometry. The oxygen 

pressure during the growth was 37 mTorr and the substrate temperature was 650 ºC. After 

the deposition, the films were cooled to room temperature in oxygen pressure of 500 

Torr.  
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Figure 6.2 Structure and surface morphology of CaMnO3 films. (A) XRD θ-2θ scans for 

four 30 nm CaMnO3 films on SrTiO3, NdGaO3, LaAlO3, and SrLaAlO4 substrates. (B) 

AFM image of the 30 nm CaMnO3 film on SrTiO3 substrate. Atomically flat surface with 

step height of 1 u.c. is observed. 

 

 

Figure 6.2A shows XRD θ-2θ scan results for all the films. Clear film peaks with 

thickness fringes were observed, indicating high crystallinity. The lattice constant for the 

cubic or pseudocubic substrates are a0=3.905 Å (SrTiO3), a0=3.86 Å (NdGaO3), a0=3.79 

Å (LaAlO3), a0=3.75 Å (SrLaAlO4) respectively. The lattice constant for CaMnO3 bulk is 

a0=3.72 Å. The lattice mismatches defined by [a0(s)- a0(f)]/ a0(f) are 5.0%, 3.8%, 1.9% 

and 0.8% respectively. According to theoretical calculation, CaMnO3 does not have a 

perfect Poisson ratio and the unit cell volume expands with increasing tensile strain [5]. 

Comparing with the first principle results, the CaMnO3 film is fully stained on SrLaAlO4, 
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partially strained on LaAlO3 and NdGaO3, and fully relaxed on SrTiO3. Although the 

film is relaxed on SrTiO3 substrate, the surface of the CaMnO3 is still atomically flat with 

miscut steps and root mean square roughness Rq=0.16 nm (Figure 6.2B).  

 

 

6.4 Growth of (BaTiO3)n/(CaMnO3)n superlattice 

The ground state of CaMnO3 bulk material is G-type antiferromagnetic. In bulk 

CaMnO3, antiferrodistortive mode associated with oxygen octahedral rotation, 

ferroelectric mode and spin ordering are coexisting. In bulk condition, the 

antiferrodistortive mode suppresses the ferroelectric polar mode [6]. It was predicted by 

first principle that in the (BaTiO3)n/(CaMnO3)n superlattice structure, the MnO6 

octahedral rotation in CaMnO3 is strongly suppressed by the neighboring BaO layers in 

BaTiO3, leading to a large enhancement of spin-polar phonon coupling [7]. The biggest 

effect is calculated to be in the (BaTiO3)n/(CaMnO3)n superlattice when n=1, indicating 

the important role of the interface. To grow such a complex material, extreme careful 

control, including cation stoichiometry, oxygen stoichiometry, absolute layer coverage, 

and perfect crystallinity are all required.  
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Figure 6.3 Structure and surface morphology of a 30 nm BaTiO3 films on SrTiO3 

substrate. (A) XRD θ-2θ scan for the BaTiO3 film on SrTiO3. (B) AFM image of the film. 

Atomically flat surface with step height of 1 u.c. is observed. 

 

 

The growth has been optimized for CaMnO3 films as indicated in section 6.3. The 

second step is to optimize the growth condition for BaTiO3. Using the same growth 

pressure and temperature, BaTiO3 films were constructed in an atomic layer-by-layer 

manner by ablating ceramic BaO and TiO2 targets sequentially. Figure 6.3 shows the 

structure and surface morphology of an optimized 30 nm BaTiO3 film on SrTiO3. Sharp 

x-ray diffraction peaks are observable for BaTiO3 film (001), (002), (003) diffraction 

plane. The c lattice constant is measured to be 4.16 Å, agreeing with previous reports 

under the same strain condition [9]. The surface of the film is atomically flat with miscut 

step height of 1 u.c. and root mean square roughness of 0.18 Å, which is comparable to 
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the roughness of a SrTiO3 substrate.   

 

 

 

Figure 6.4 BaTiO3/CaMnO3 superlattice. (A) A schematic of the superlattice. (B) 15 

RHEED intensity oscillations during the growth of a 103 u.c. BaTiO3/CaMnO3 film. The 

figure underneath is a zoom in for one RHEED oscillation. RHEED behaviors during the 

deposition of each atomic layer of BaO, TiO2, CaO and MnO2 are marked separately with 

color. 

 

 

After optimizing the growth conditions for both CaMnO3 and BaTiO3 in terms of 
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surface roughness and crystallinity, a 103 u.c. BaTiO3/CaMnO3 superlattice was 

deposited using ALL-Laser MBE. The sequence of the deposition is BaO-TiO2-CaO-

MnO2, shown as a schematic in Figure 6.4A. The sequence was repeated for 103 times to 

grow the superlattice with a thickness of about 80 nm. As shown in Figure 6.4B, regular 

RHEED oscillations were observed during the entire growth, indicating a repeatedly 

constructed structure. The picture underneath is a zoom in for one RHEED intensity 

oscillation period. The growth of BaO and CaO layers increases RHEED intensity and 

the growth of TiO2 and MnO2 layers decreases the intensity. However, the surface 

roughness of the film turned to be rough with root mean square roughness of 1.4 nm, 

indicating an island growth. The island growth was also indicated by RHEED dotted 

pattern obtained during growth.  

The island growth is possibly due to the large lattice mismatch (~7%) between 

CaMnO3 (a0=3.72 Å) and BaTiO3 (a0=3.99 Å). Although the strain state is supposed to 

be maintained by using a substrate SrTiO3 (a0=3.99 Å) with lattice constant in between 

the two materials, strain relaxation is still huge indicated by the rapid RHEED intensity 

drop during the growth of the first layer of the superlattice.  
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APPENDIX A 

STRUCTURAL AND TRANSPORT PROPERTIES OF EPITAXIAL 

BA(FE1-XCOX)2AS2 THIN FILMS ON VARIOUS SUBSTRATES 
 

Q. Y. Lei
 
et al. Supercond. Sci. Technol., 27, 115010 (2014) 

 

A.1 Introduction 

A comprehensive microstructural study was conducted on optimally-doped 

epitaxial Ba(Fe1-xCox)2As2 thin films grown on various substrates with a wide range of 

lattice constants: SrTiO3, LaAlO3, (La,Sr)(Al,Ta)O3, MgO, CaF2, and BaF2. We found 

that the state of strain in the films does not correlate well with the lattice matching 

between the film and substrate. The mosaic spread of film orientation and the thermal 

expansion coefficient of the substrates were found to influence the in-plane lattice 

constant of the films. A clear correlation between the superconducting transition 

temperature and the in-plane lattice constant of the film was observed, confirming the 

importance of structural distortions to the superconductivity in the Ba(Fe1-xCox)2As2 films.   

The properties of the iron pnictide superconductors, such as their chemical bonding 

energy [1], magnetic property [2], and electronic structures [3] are significantly 

influenced by structural distortions. Lee et al. demonstrated that the maximum 

superconducting-transition temperature Tc in LnFeAsO1-y (Ln = La, Nd) was attained for 

regular FeAs4-tetrahedrons, where the As-Fe-As bond angle α reaches 109.47° [4]. In 

another iron-based superconductor system, BaFe2As2, maximum Tc was achieved when 

the regular FeAs4-tetrahedrons were approached by either K doping or pressure [5]. The 
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tetrahedron shape can also be tuned in thin films by varying the substrate/film lattice 

mismatch, leading to, for example, a variation of Tc by more than 8 K in 

Ba(Fe1−xCox)2As2 thin films [6,7]. Similar effect was also reported in NdFeAs(O, F) [8] 

and iron-based chalcogenide FeSe0.5Te0.5 [9-11]. In one-unit-cell thick FeSe film on 

SrTiO3 substrate, a significant increase of Tc was reported and attributed to the interface 

and strain effect [12]. However, it has been difficult to establish a correlation between the 

lattice deformation due to the epitaxial growth of thin films, i.e. epitaxial strain, and the 

superconducting properties of the iron-based superconductor thin films [13]. The 

epitaxial strain, defined for in-plane as (aF-a0)/a0, where aF is the in-plane lattice constant 

of the film and a0 the a lattice constant of the unstrained bulk material, can be affected by 

the stress arising from the film/substrate lattice mismatch (aS-a0)/a0, where aS is the in-

plane lattice constant of the substrate, as well as the film/substrate thermal expansion 

coefficient mismatch and many other factors. In this work, we attempt to shed light on 

the epitaxial strain effects by conducting a detailed structural study of epitaxial 

Ba(Fe1−xCox)2As2 thin films on a series of substrates: SrTiO3 (STO), LaAlO3 (LAO), (La, 

Sr)(Al, Ta)O3 (LSAT), MgO, CaF2, and BaF2. We show that the nature (compressive or 

tensile) and magnitude of the epitaxial strain in films of 60 nm thickness depend more 

closely on the mosaic spread of the grain tilt angle in the film and the mismatch in 

thermal expansion coefficients than the lattice mismatch with the substrate. The epitaxial 

strain directly affects the transition temperature of the film. 
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A.2 Experimental details 

The Ba(Fe1-xCox)2As2 (Co-doped Ba122) thin films were grown by pulsed laser 

deposition (PLD) using a KrF excimer laser (λ = 248 nm, and pulse duration 25 ns). The 

details of the target preparation have been reported elsewhere [14]. Briefly, pre-reacted 

Ba3As2 with 5% less Ba and 5% extra As were used in the target to achieve the 

composition of Ba(Fe0.92Co0.08)2As2 in the films. The targets were heat-treated in a hot 

isostatic press under 192 MPa of pressure at 1120 °C for 12 h. The substrates used in this 

study include (001)-oriented STO (a = 3.905 Å), LAO (a = 3.79 Å), LSAT (a = 3.868 Å), 

MgO (a = 4.21 Å), CaF2 (a = 5.462 Å), and BaF2 (a = 6.196 Å). A laser repetition rate of 

29.1 Hz and a laser energy density of 3.1 J/cm
2
 were used. The substrate temperature was 

725 °C and the substrate-target distance was 55 mm. The background pressure ranged 

from 4 × 10
-7

 Torr to 5.8 × 10
-6

 Torr, achieved using a turbo molecular pump in 

combination with a liquid nitrogen (LN2) trap. Alternatively, a cryopump was used in 

some depositions. Both the LN2 trap and the cryopump were proven to be effective in 

reducing the oxygen partial pressure during the deposition. After the deposition when the 

sample was cooled to room temperature, a procedure of venting with air followed by 

evacuation was employed for several times so that the arsenate deposit in the vacuum 

chamber was passivated by the moisture in the air and the resultant arsine gas exhausted 

safely before the vacuum chamber was opened. The thickness of the Co-doped Ba122 

thin films ranged from 60 nm to 950 nm.  

The film structure was characterized by high resolution x-ray diffraction (XRD) 

measurements with Cu K radiation (λ = 1.5406 Å), including  scan,  scan, pole 

figure, and reciprocal space mapping (RSM). The pole figure was used to obtain the 



80 

 

epitaxial relationship between the substrate and the film. The RSM was used to provide 

detailed microstructural information of the film such as the c and a lattice constants and 

the mosaicity of tile angles of the grains. The film thickness was measured by x-ray 

reflectivity (XRR). The transport properties and superconducting transitions of the films 

were measured by the four-probe technique using the van der Pauw method from 4.2 K to 

300 K. 

 

 

A.3 Results and Discussions 

 

A.3.1) Structural and superconducting properties of Ba(FexCo1-x)2As2 films 
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Figure A.1 (a) XRD θ-2θ scan for a 120 nm Co-doped Ba122 film on STO. The 

diffraction peaks marked by * are from the sample stage. (b) XRD  scans around the 

(103) peak of the STO substrate and the (103) peak of the Co-doped Ba122 film. 
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Figure A.1 shows the XRD result for a typical 120 nm Co-doped Ba122 film grown 

on STO substrate. Intense and sharp 00l diffraction peaks of Co-doped Ba122 from the 

film and the 00l peaks of the STO substrate can be observed from the XRD θ-2θ scan, as 

shown in Figure A.1a, indicating that the film grows with c axis perpendicular to the 

substrate surface. The diffraction peaks marked by * are from the XRD sample stage. 

There is no indication of impurity phase interface layer in the θ-2θ scan, although the 

XRD measurement will not be able to detect interface layer that is amorphous or very 

thin. Figure A.1b shows the XRD scans around the (103) peaks of the film and the 

substrate. The fourfold symmetry corresponds to the tetragonal structure of the Co-doped 

Ba122 lattice and the diffraction peaks of the film line up with those from the substrate, 

indicating an in-plane alignment of the film structure with that of the substrate. The XRD 

results show that the film is phase pure and grows epitaxially with an epitaxial 

relationship (001)[100]film||(001)[100]substrate.  
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Figure A.2 Resistance vs. temperature curve for a 120 nm Co-doped Ba122 film on STO. 

The inset shows details around the superconducting transition with Tc onset=23.7 K and 

Tc0=21.7 K, with Tc onset determined from the intersection of the two blue dotted lines. 

 

 

Figure A.2 shows the resistance vs. temperature curve for a 120 nm Co-doped 

Ba122 film on STO substrate. The non-monotonic temperature dependence of the 

resistivity is due to the contribution from the conductivity of the STO substrate, which 

became reduced and conducting after being heated to 725 °C in high vacuum during the 

film deposition. For the same reason, the resistivity of the Co-doped Ba122 film cannot 

be reliably derived from the data. The figure shows a superconducting transition with an 

onset temperature Tc onset = 23.7 K, determined by the intersection of straight lines 

extrapolated from the normal state and the transition region, and the zero resistance Tc0 = 
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21.7 K, comparable to the previously reported Tc obtained for Co-doped Ba122 film on 

STO substrate from other groups [6,15]. 

 

 

Figure A.3 (a) Tc onset vs. background pressure for a series of 60 nm and 120 nm thick 

Co-doped Ba122 thin films grown on STO using a nitrogen trap. (b) Resistance vs. 

temperature curves for three 60 nm Co-doped Ba122 films grown with and without using 

a LN2 trap or cryopump, respectively. 



85 

 

The influences of the background pressure and the residual oxygen during the 

deposition were investigated. The background pressure was recorded right before the 

deposition when the sample was at the growth temperature of 725 °C. In Figure A.3a Tc 

onset as a function of the background pressure is plotted for 60 nm and 120 nm thick Co-

doped Ba122 films on STO substrate when either a LN2 trap or a cryopump was used 

during the deposition. The Tc onset data scatter between 21.5 K and 23.0 K for the 60 nm 

films and between 22.5 K and 23.7 K for the 120 nm films, with no apparent dependence 

on the background pressure. Figure A.3b compares the resistance vs. temperature curves 

for three 60 nm Co-doped Ba122 films grown on STO, one using a LN2 trap, one using a 

cryopump, and one using neither. The background pressures for the three films were 

similar, around 2.0×10
-6

 Torr. Without the use of LN2 trap or cryopump, Tc onset = 16.9 K 

and Tc0 = 14.8 K, lower than in the films grown with either a LN2 trap (Tc onset = 21.5 K 

and Tc0 = 19.4 K) or a cryopump (Tc onset = 21.1 K and Tc0 = 19.0 K). Evidently, in the 

pressure range studied the critical parameter for the superconducting properties of the Co-

doped Ba122 films is the oxygen partial pressure, not the total background pressure. 

Oxygen contamination is detrimental to the Tc of the Co-doped Ba122 films.  
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Figure A.4 Thickness dependence of Tc onset for films grown on STO substrates. 

 

 

The dependence of Tc on thickness was studied in films on STO substrate with 

thickness varying from 40 nm to 950 nm, and the result is plotted in Figure A.4. It shows 

that Tc onset increases with increasing film thickness from 40 nm to 120 nm and then 

remains constant up to 950 nm. The highest Tc onset observed was 23.7 K in a 120 nm film.  

Previous TEM studies in the literature indicate possible high density dislocations at the 

film/substrate interface. [15, 16]. One possible explanation for the thickness dependence 

of Tc is that as the film thickness increases, the detrimental effects of the defects at the 

interface become less dominant, and in thicker films the less defective top layer with 
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higher superconducting transition temperature short-circuits the transport current when it 

becomes superconducting. The interfacial defects need to be considered in the following 

study of the epitaxial strain effect in Co-doped Ba122 films, in which 60 nm thick films 

were used.  

 

 

A.3.2) Effects of strain on structural and superconducting properties   
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Figure A.5 (a) Resistivity vs. temperature curves for 60 nm Co-doped Ba122 films on 

different substrates. (b) Details of the resistivity vs. temperature curves near the 

superconducting transition. 
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To investigate the effects of epitaxial strain on the structural and superconducting 

properties, six different substrates, (001)-oriented STO, LAO, LSAT, MgO, CaF2, and 

BaF2 were used to grow 60 nm thick Co-doped Ba122 films on. The lattice constants of 

these substrates vary from 3.79 Å for LAO to 4.38 Å for BaF2, compared to the bulk 

lattice constant of 3.96 Å for Ba(Fe0.92Co0.08)2As2 [6]. In Figure A.5, typical resistivity vs. 

temperature curves for 60 nm thick films on these substrates are presented. There is a 

spread of Tc onset of 5.6 K and a variation of residual resistivity (resistivity above Tc onset) 

by a factor of 3 among the different substrates.  

 

Figure A.6 Tc onset vs. substrate a lattice constant for 60 nm Co-doped Ba122 films on 

different substrates. 
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Figure A.6 summarizes Tc onset as a function of the substrate lattice constant for 

eleven 60 nm thick Co-doped Ba122 films. The equivalent a lattice constants of 5.462 

Å/√2 = 3.862 Å and 6.196 Å√/2 = 4.38 Å are used for CaF2 and BaF2, respectively, 

because there exists a 45° in-plane rotation of the film lattice relative to the substrates 

(see discussions below). There is no clear dependence of Tc onset on the substrate lattice 

constant. The films on CaF2 and BaF2 have the highest Tc onset while the films on LSAT 

have the lowest one. It is evident that the superconducting properties in the films are not 

simply determined by the in-plane lattice constant of the substrates. It is necessary to 

study the microstructure of the films in more detail.  
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Figure A.7 Pole figures for 60 nm Co-doped Ba122 films (left) and the substrates (right): 

(a) film (103) plane and STO (102) plane, (b) film (103) plane and LAO (102) plane, (c) 

film (103) plane and LSAT (101) plane. (d) film (103) plane and MgO (113) plane, (e) 

film (103) plane and CaF2 (113) plane, and (f) film (103) plane and BaF2 (113) plane. 
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The epitaxial relationship of the Co-doped Ba122 films with the substrates was 

investigated using pole figure measurements. The results for the six films on different 

substrates are presented in Figure A.7. In all the cases, both the substrate and the film 

show the expected four-fold symmetry. In the pole figures for the STO [Figure A.7a] and 

LAO [Figure A.7b] substrates, two sets of four spots were observable at the same  

positions. The one at ° are the (102) diffraction peaks and the one at ° are 

the (201) diffraction peaks. For the films on STO and LAO, the film (103) peaks were 

observed at the same  positions as the STO and LAO (102) peaks. In the film on LSAT 

[Figure A.7c], the film (103) peaks and the LSAT (101) peaks have the same  angle. For 

the MgO [Figure A.7d], CaF2 [Figure A.7e], and BaF2 [Figure A.7f] substrates, besides 

the set of four (113) diffraction spots at °, another set at ° from the (311) 

diffraction was also observable with a 27°  angle rotation. For the film on MgO, the film 

(103) peaks have a 45° angle rotation compared to the MgO (113) peaks, corresponding 

to no in-plane rotation for the film lattice with respect to the MgO substrate lattice. For 

the films on CaF2 and BaF2, the (103) diffraction peaks of the films have the same  

angle as the (113) diffraction peaks of the substrates, corresponding to a 45° in-plane 

rotation of the film lattice with respect to the substrate lattice. The films on CaF2 and 

BaF2 rotate in-plane by 45° to better match the crystal lattice of the substrates. The pole 

figures show that the Co-doped Ba122 films grow epitaxially on all the substrates with 

in-plane alignment of the film lattice to those of the substrates. The epitaxial relationship 

is (001)[100]film||(001)[100]substrate for the films on STO, LAO, LSAT, and MgO, and 

(001)[110]film||(001)[100]substrate for the films on CaF2 and BaF2.  
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Figure A.8 Reciprocal space maps for 60 nm Co-doped Ba122 films on different 

substrates, presented in the reciprocal lattice units of the corresponding substrates. (a) 

STO, (b) LAO, (c) LSAT, (d) MgO, (e) CaF2, and (f) BaF2,. The black dotted lines marks 

the a lattice constant of the substrates (H = 1). The white stars represent the bulk Co-

doped Ba122 position. All the maps are normalized so that each film peak intensity is 1. 

 

 

The microstructures of the 60 nm films on different substrates were further studied 

by RSM. In Figure A.8, the RSM results for the six films in Figure A.7 are presented in 

the frame of the substrates’ reciprocal lattice units. The diffraction peaks of the substrates 
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used are the (103) peaks for the STO, LAO, and LSAT substrates and the (113) peaks for 

the MgO, CaF2, and BaF2 substrates. The diffraction peaks for the Co-doped Ba122 films 

are the (1011) peaks for the films on STO, LAO, and LSAT, the (118) peaks for the film 

on MgO, and the (109) peaks for the films on CaF2 and BaF2. The dotted lines (H = 1) 

represent the substrates in-plane lattice constants in the reciprocal space. The white stars 

represent the lattice constants of the bulk Co-doped Ba122 (a = 3.96 Å and c = 12.9826 Å 

[7]). The figures show that only the films on the STO and CaF2 substrates are close to 

being coherently strained, whereas the epitaxial strain in the films on other substrates has 

relaxed leading to lattice constants different from those of the substrates. In addition, the 

diffraction spots for the films are significantly broadened compared to those of the 

substrates. Although we cannot rule out the possibility that the broadening is partly due to 

a distribution of lattice constants throughout the films, it is most commonly related to the 

mosaic spread of the grain orientation and the surface morphology as discussed later.  
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Figure A.9 The film a lattice constant vs. the substrate a lattice constant. The dotted line 

with a slope of 1 corresponds to a coherently strained condition. The horizontal dotted 

line represents the a lattice constant of the bulk Co-doped Ba122. 

 

 

In order to calculate the film lattice constants, two-dimensional-Gaussian fitting 

around the film diffraction peaks was performed with the diffraction peaks of the 

substrates as references. Figure A.9 shows the in-plane lattice constant of the film versus 

that of the substrate. Large scatter is seen in the data and no clear correlation between the 

two in-plane lattice constants exists. None of the data points falls on the straight dotted 

line with a slope of 1 which corresponds to the in-plane lattice constant of a coherently 

strained film. Only one film on STO and one film on CaF2 are close to being coherently 

strained. A few films have a lattice constant close to that of the bulk Co-doped Ba122 
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indicated by the horizontal dotted line, but other films show values significantly different 

from the bulk. The variation in the film c lattice constant on different substrates is smaller 

than that in the a lattice constant, ranging from 12.938 Å to 13.228 Å. Thus the film unit 

cell volume follows a nearly identical dependence on the substrate a lattice constant to 

that in Figure A.9, while the ratio c/a is inverse of that in Figure A.9. Some of the films 

have a larger in-plane lattice constant and unit cell volume than that of bulk Co-doped 

Ba122, even for substrates that have a smaller lattice constant than the a lattice constant 

of bulk Co-doped Ba122. Evidently, the in-plane lattice constant of the substrate is not 

the determining factor on the state of strain and microstructure of the Co-doped Ba122 

films studied. It has been shown that chemical reaction at the interface can complicate the 

lattice deformation of the Co-doped Ba122 films [17]. The existence of interface layer 

and film/substrate interdiffusion [13] can also affect the in-plane lattice constant of the 

films. These effects may be important for our result, but a definitive correlation requires a 

comprehensive electron microscopy study.  
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Figure A.10 Reciprocal space maps for the films in Figure A.9 presented in the Qx and 

Qz axis, where Qx=h/a (Å
 -1

), Qz=l/c (Å
 -1

) for the film (h0l) diffraction plane. The white 
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stars are the Co-doped Ba122 bulk position, where a = 3.96 Å and c = 12.9826 Å. The 

black dotted lines represent the substrate in-plane lattice constant. The white ellipses are 

the FWHM obtained by two-dimensional Gaussian fitting. The red dotted lines are guides 

to the eye, showing different degrees of broadening of the FWHM in the films on 

different substrates. The arrows represent the 𝜔 scan directions and the 2𝜃 − 𝜔 scan 

directions. All the maps are normalized so that each film peak intensity is 1. 

 

 

To have a direct comparison among the films on different substrates, the RSM film 

peaks are re-plotted in Figure A.10 in the frame of reciprocal lattice constants Qx and Qz, 

where    cos 2 cos /    xQ θ ω ω λ  and    sin 2 sin /    zQ θ ω ω λ . For the film (h0l) 

diffraction peak, a = h/Qx (Å) and c = l/Qz (Å). The white ellipses in the figure are the full 

width at half maximum (FWHM) of each film peaks, obtained by the two-dimensional 

Gaussian fitting. The results are presented in the order of increasing broadening of the 

RSM peaks, highlighted by two red dotted lines. From the broadening of the RSM peak, 

the mosaic spread of the grain orientation and the lateral correlation length related to the 

surface roughness can be determined. An increase in the mosaic spread broadens the film 

peak along the 𝜔 direction and a decrease in the lateral correlation length broadens it 

along the Qx direction. In all the RSMs in Figure A.10 the peak broadening is mostly 

parallel to the 𝜔 scan direction, suggesting that the broadening originates predominantly 

from the mosaic spread, which can be calculated as 2 2FWHM / x zQ Q [18]. From CaF2 

(top) to LSAT (bottom), the mosaic spread increases from 0.74° to 2.87°. In the 

meantime, a clear trend is observed that the film peak center shifts gradually to the left 
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from the top to bottom figure, indicating an increasing expansion of the in-plane lattice 

constant from 3.89 Å for CaF2 to 4.07 Å for LSAT.  

 

Figure A.11 Film a lattice constant vs. film mosaicity. The black dotted line represents 

the a lattice constant of the Co-doped Ba122 bulk. 

 

 

In Figure A.11, the in-plane lattice constant of the film is plotted as a function of 

the mosaic spread. A clear correlation between large mosaic spread and large in-plane 

lattice constant is observed. The result suggests that the in-plane lattice constants of the 

films are directly related to the misorientaton of the Co-doped Ba122 grains in the films, 

which may be influenced by factors other than the film/substrate lattice mismatch, such 

as the film/substrate interfacial layer and film/substrate interdiffusion as discussed in [13]. 

Substrate surface quality and the bonding strength between the film and substrate may 
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also affect the grain misorientation. The large grain tilt angle correlates to the expansion 

of the in-plane lattice constant and unit cell volume beyond those of bulk Co-doped 

Ba122. 

 

 

 

Figure A.12 Film a lattice constant vs. substrate thermal expansion coefficient. The 

black star represents the a lattice constant and the thermal expansion coefficient of the 

Co-doped Ba122 bulk. 

 

 

When studying the strain in thin films, it is important to consider the effect of 

thermal expansion coefficient mismatch between the film and substrate [13, 19]. In 

Figure A.12, the in-plane lattice constant of the Co-doped Ba122 film is plotted as a 
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function of the substrate thermal expansion coefficient [20, 21]. The black star represents 

the thermal expansion coefficient of the Co-doped Ba122 bulk material [22]. As can be 

seen, all the substrates have thermal expansion coefficients larger than that of Co-doped 

Ba122. Despite large scattering, the data show a general trend that larger substrate 

thermal expansion coefficients (in fluorides) lead to smaller in-plane lattice constants of 

the films. After the film is deposited at the growth temperature, whether or not the 

epitaxial strain is already relaxed, a larger shrinkage of the substrate than the film during 

the cooling process will exert a compressive stress on the film. This may account for the 

smaller in-plane lattice constants in the films on the fluoride substrates than on the oxide 

substrates. The larger the thermal expansion coefficient of the substrate has, the greater 

the compressive stress on the film is.   
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Figure A.13 Dependences of Tc onset on the film a lattice constant. Tc of the target is 

adapted from [23]. 

 

 

Finally, we plot Tc onset as a function of the in-plane lattice constant of the film in 

Figure A.13. The star represents the Tc and a lattice constant of bulk Co-doped Ba122. 

The figure shows a clear dependence: Tc onset decreases nearly linearly with increasing 

film a lattice constant. It confirms the previous results that the epitaxial strain in the Co-

doped Ba122 films significantly affect their superconducting properties [13]. Even 

though the origin of the strain is complex as discussed above, a compressive strain leads 

to higher Tc and a tensile strain results in lower Tc. Since the c lattice constant does not 

vary much among the films on different substrates, the apparent dependence of Tc onset on 

the c/a ratio is in fact due to the dependence on the a lattice constant, close to that of 1/a.  
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A.4 Conclusions 

By growing Co-doped Ba122 films on (001)-oriented STO, LAO, LSAT, MgO, 

CaF2, and BaF2 substrates and performing extensive structural characterizations of these 

films, we have found that the superconducting transition temperature in the Co-doped 

Ba122 thin films correlates nearly linearly with the epitaxial strain in the films: Tc in the 

compressive strained films is higher than in the tensile strained films. The sign and 

magnitude of the epitaxial strain in the films, however, are not determined by the 

film/substrate lattice matching. They correlate directly to the mosaic spread of the grain 

orientation in the film, and also depend on the thermal expansion coefficient of the 

substrates. The mosaic spread, as an indicator of the film crystallinity, may be affected by 

many possible factors, such as the interface chemical reaction, the interface layer, and the 

film/substrate interdiffusion [13]. Nevertheless, the strain dependence of Tc reported here 

confirms the importance of structural distortions to the superconductivity in Co-doped 

Ba122 films.   
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